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Microstructure and Property Modifications of Cold
Rolled IF Steel by Local Laser Annealing
HÅKAN HALLBERG, FRÉDÉRIC ADAMSKI, SARAH BAÏZ,
and OLIVIER CASTELNAU
Laser annealing experiments are performed on cold rolled IF steel whereby highly localized
microstructure and property modiﬁcation are achieved. The microstructure is seen to develop by
strongly heterogeneous recrystallization to provide steep gradients, across the submillimeter
scale, of grain size and crystallographic texture. Hardness mapping by microindentation is used
to reveal the corresponding gradients in macroscopic properties. A 2D level set model of the
microstructure development is established as a tool to further optimize the method and to
investigate, for example, the development of grain size variations due to the strong and transient
thermal gradient. Particular focus is given to the evolution of the beneﬁcial γ-ﬁber texture during
laser annealing. The simulations indicate that the inﬂuence of selective growth based on ani-
sotropic grain boundary properties only has a minor eﬀect on texture evolution compared to
heterogeneous stored energy, temperature variations, and nucleation conditions. It is also
shown that although the α-ﬁber has an initial frequency advantage, the higher probability of γ-
nucleation, in combination with a higher stored energy driving force in this ﬁber, promotes a
stronger presence of the γ-ﬁber as also observed in experiments.
I. INTRODUCTION
WITH few exceptions, the present use of laser
annealing is related to modiﬁcation of the structure
and properties of thin ﬁlms. Examples include perfor-
mance optimization of thin ﬁlm cathodes in lithium-ion
batteries,[1] improvement of the properties of thin ﬁlms
for photovoltaic applications,[2] fabrication of thin ﬁlm
diodes,[3] and control of grain growth in thin ﬁlms.[4]
Studies on laser annealing of larger specimens are
scarcer. One example related to local modiﬁcation of a
thin Ni-Ti shape memory alloy strip with 0.5 mm
thickness is given in Reference 5 and surface laser
annealing of stainless steel is studied in References 6 and
7. Even less attention is given to the possibility of using
laser annealing on larger samples of rolled sheet metal in
order to manufacture functionally graded materials
through local modiﬁcations of the microstructure, which
is not achievable by standard annealing methods. This
kind of applications are in focus of the present study.
The method will be possible to apply in all areas of sheet
metal modiﬁcations, such as deep drawing and folding
as well as stamping, blanking, and punching. It is
envisaged that the method will permit reduced tool
forces and tool wear, and less risk of fracture and that
ﬁner geometrical tolerances can be met.
By local laser annealing of the material, a grain size
gradient will develop in the microstructure and alter
macroscopic material properties accordingly. As de-
scribed by the classical Hall–Petch relation, the macro-
scopic yield stress of the material is related to the
average grain size, and since the grain size can be altered
by annealing—in the irradiated zone—laser annealing
can be used to modify the yield stress of the material in
selected regions. The laser annealing process also causes
a reduction of the stored energy in the material by
growth of new grains from (nearly) dislocation-free
recrystallization nuclei. In addition, annealing also
provides a characteristic recrystallization texture. In
the case of the interstitial free (IF) steel, presently under
consideration, cold rolling yields a texture dominated by
two components comprising the α-ﬁber, having the
h110i orientations parallel to the rolling direction (RD),
and the γ-ﬁber having the h111i orientations parallel to
the normal direction (ND). In Reference 8, the initial
fractions of the α- and γ-ﬁbers after 75 pct cold rolling
are found to be 41 and 27 pct, respectively, clearly
showing the texture to be dominated by these compo-
nents. Similar observations are made in Reference 9
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where, directly following 90 pct cold rolling, the volume
fractions of the α- and γ-ﬁbers are found to be 50 and
40 pct, respectively. The ratio between the fractions is,
however, observed to change during subsequent anneal-
ing as the γ-ﬁber grows at the expense of the α-ﬁber
during recrystallization. The increased presence of the γ-
ﬁber is also observed in References 10 and 11 and is of
primary concern in practical applications as it signiﬁ-
cantly enhances the ductility and hence the formability
of the material.[12–15]
The development of the characteristic texture compo-
nents has been explained in terms of oriented nucleation
and/or selective growth during recrystallization,[9,11,13,16–19]
or as size or frequency advantage for grains with γ-
orientations.[20] Preferential nucleation of grains with
orientations belonging to the γ-ﬁber during annealing of
IF steel is noted in a number of studies, for example in
References 8, 9, 17, 19 through 22. The conditions under
which the recrystallization texture develops are addressed
in the numerical simulations in the present work along
with the evolution of grain structure gradients.
In the present work, laser annealing experiments are
performed on cold rolled IF steel. It is shown that local
microstructural modiﬁcations through recrystallization
and grain growth can be achieved and relatedmacroscopic
properties such as ductility and hardness can be modiﬁed
in conﬁned regions of the material. This makes laser
annealing a promising method for manufacturing of
functionally graded materials. To further optimize the
method, additional studies on the correlation between
processing conditions and microstructure evolution are
required. This is addressed in the present work by
establishing a level set-based numerical model in order to
study the key mechanisms behind microstructure evolu-
tion during laser annealing. Themodel captures the central
aspects of microstructure development at the mesoscale,
while also considering the transient thermal gradient
conditions which are present due to the laser processing.
Modeling of rolling and recrystallization textures in IF
steel—considering oriented growth relative to oriented
nucleation—is performed using a statistical model in
References 11 and 23. But such an approach provides little
information on the microstructure morphology or on the
inﬂuence of any thermal gradient conditions. As an
alternative, a number of diﬀerent numerical techniques
are available for performingmesoscale simulations of grain
structure evolution in polycrystals. These include, for
example, cellular automata algorithms, Monte Carlo Potts
models, phase ﬁeld models, and level set formulations.
Considering applications involving IF steel, Monte Carlo
Pottsmodels are used inReferences 24 and 25 and a cellular
automata formulation in Reference 14 to studymicrostruc-
ture evolution in this material, although not related to laser
annealing and under isothermal conditions. In the present
work, a mesoscale model of microstructure evolution is
formulated in terms of a representative volume element
(RVE), based on a level set formulation which is solved in a
ﬁnite element setting. The level set method was introduced
in Reference 26 and provides a framework for tracing the
evolution of interfaces in diﬀerent physical settings and the
methodhas been employed in studies on grain growth,[27–31]
primary static recrystallization,[32] and on dynamic recrys-
tallization,[33,34]A reviewofdiﬀerentmethods formesoscale
modeling of recrystallization is provided in Reference 35.
Regardless of which modeling approach is adopted, it is
emphasized in, for example,Reference 36 that in order to be
able topredict recrystallization textures in simulations, both
a correct description of grain growth as well as a non-
random nucleus texture are required. Both of these aspects
are taken into account here.
Grain growth in the presence of a thermal gradient
has been studied in numerical models previously, for
example by Monte Carlo Potts and phase ﬁeld models
related to welding in References 37 and 38, respectively,
and by Monte Carlo Potts modeling of UO2 nuclear fuel
pellets in Reference 39. Similar to welding, the present
local laser annealing is characterized by a rapidly
varying and steep transient thermal gradient which is
accounted for in the numerical simulations. To provide
the spatial and temporal temperature variation during
laser annealing, a standard thermal ﬁnite element model
of the macroscopic annealing process is considered
initially. This permits the temperature gradients in the
material to be identiﬁed for subsequent employment in
the microstructure RVEs, which are smaller subdomains
of the macroscopic specimen. Use of level set-based
RVEs in such modeling framework has not been
considered previously in the literature.
This paper is structured into sections, beginning with
Section II, discussing the laser annealing experiments.
To provide the spatial and temporal temperature history
in the workpiece during laser irradiation, the thermal
ﬁnite element model is introduced in Section III. The
numerical simulations of microstructure evolution are
performed using a level set formulation which is
established in Section IV, with subsections providing
details of recrystallization and grain growth modeling.
The details of the adopted simulation model are
presented in Section V, followed by a presentation of
the results and a discussion in Section VI. Some
concluding remarks close the paper in Section VII.
II. LASER ANNEALING EXPERIMENTS
The experiments were performed on a Ti-stabilized IF
steel sheet which had been cold rolled from an initial
thickness of 4.5 mm down to a ﬁnal thickness of
1.263 mm, resulting in a 72 pct thickness reduction. The
average grain size in the cold rolled material was 59 μm
along RD, 8.7 μm along ND, and 31.7 μm along the
transverse direction (TD), similar to what was found in
Reference 40 for ultralow carbon steel at a correspond-
ing thickness reduction.
Specimens measuring approximately 100 9 100 mm2
were taken from the rolled sheet for the experiments. A
Nd-YAGlaser sourcewith1.06μmwavelengthwasused to
provide a square 12 9 12 mm2 beam cross-section with
uniform “top-hat” distribution of the laser intensity.
Diﬀerent laser powers and irradiation times were investi-
gated in order to ﬁnd the processing conditions which
provided appropriate annealing temperatures without
melting the material. For the present study, the results
obtained with a laser power of P = 320 W and an
irradiation time of 9 s are considered. To measure the
evolution of the thermal ﬁeld, thermocouples were spot
welded to the bottom surface of the specimen, facing away
from the laser beam. The temperature measurements are
used to calibrate the thermal ﬁnite element model in
Section III. Further details on the experimental procedure
and the inﬂuence of laser process parameters on the
obtained microstructure will be published elsewhere.The
microstructure obtained here was investigated before and
after laser annealing using a combination of optical
microscopy, cf.Figure 1, and EBSDmapping, cf.Figure 2.
A pronounced gradient in the grain size was obtained, as
shown in Figure 1. Figure 1 also shows how the cold rolled
laminar grain structure is gradually replaced by a recrys-
tallized grain structure of nearly equiaxed grains in the
annealed region. The grain size gradient can also be seen in
Figure 3, showing the variation of the average grain size
across the laser irradiated zone. It can be noted from
Figure 3 that the grain size is slightly larger at the center of
the annealed zone compared to at the edges of the zone.
This is most likely due to that the temperature has been
higher closer to the laser beam center which has permitted
more growth of the recrystallized grains than in the less
heated regions at the edges of the annealing zone.Follow-
ing the variations in grain size in the workpiece, the
corresponding gradients in macroscopic material prop-
erties were also measured by mapping of the Vickers
hardness in a region around the focal point of the laser
beam by means of microindentation, cf. Figure 4. It can
be seen that the laser annealing has resulted in a
signiﬁcant decrease of hardness at the center of the laser
irradiated zone.Looking at the EBSD maps in Figure 2,
obtained in the RD–TD plane on the top surface of the
specimen, the area fractions of the two dominant texture
ﬁbers after annealing can be distinguished. An angular
tolerance of±13.5 deg around the ideal orientations was
used to identify the ﬁber components. Red and blue
colors indicate α- and γ-grains, respectively. Figure 2(a)
shows an EBSDmap at point A, close to the laser center,
where the α- and γ-fractions are 17.7 and 31.1 pct,
respectively. Figure 2(b) shows anEBSDmap at point B,
located further away from the laser center, where the α-
and γ-fractions are found to be 20.4 and 29.4 pct,
respectively. It is evident that the γ-ﬁber dominates over
the α-ﬁber after recrystallization, as also reported in
the literature, for example in References 9 and 11. This
trend becomes increasingly pronounced closer to the
laser beam centerline, i.e., deeper into the region
which has been exposed to the highest annealing tem-
peratures.
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Fig. 1—Microstructure in the RD–ND plane at the point indicated. A clear gradient in grain size and structure has developed due to the laser
annealing.
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Fig. 2—Presence of the α-ﬁber (red) and γ-ﬁber (blue) at the two locations indicated in the recrystallization zone, after laser annealing. The
EBSD maps are made at the top surface of the specimen, looking down along the ND direction. (a) Point A, located close to the laser center.
(b) Point B, located further away from the laser center (Color ﬁgure online).
III. THERMAL MODEL
The temporal and spatial evolution of the thermal
ﬁeld in the workpiece due to laser irradiation is modeled
using the heat equation:
qc _Tþ div qð Þ Q ¼ 0 ; ½1
where T is the absolute temperature. Further,
q ¼ 7870 kg/m3 and c ¼ 432 J/kg/K are the mass den-
sity and speciﬁc heat, respectively. A superposed dot
indicates derivation with respect to time. Also found
in Eq. [2], q ¼ krT denotes the heat ﬂux vector as
given by Fourier’s law, with k ¼ 88 Wm1K1 being
the isotropic thermal conductivity. The quantity Q rep-
resents any internal heat source, such as the latent heat
associated with phase transformations.[41] In the pre-
sent case, however, the material remains in the solid
state at all times and it is assumed that Q ¼ 0. The en-
ergy input from the laser irradiation is modeled as a
surface heat ﬂux ql, normal to the surface. The square
laser beam proﬁle with a uniform intensity distribution
which was used in the experiments, can be modeled by
the heat ﬂux
ql rð Þ ¼
1 Rð Þ P
r2l
if r  rl
0 if r>rl
8<
: ; ½2
whereR is the surface reﬂectivity, estimated to be 0.5 in the
model,P the laser beampower, and rl ¼ 12mm is the laser
beam width. The format of the laser heat ﬂux in Eq. [2] is
also considered in, e.g. References 41 through 43. A
schematic illustration of the thermal model is shown in
Figure 5, also deﬁning the coordinate r. Convective
boundary conditions are prescribed along the section of
the top surface which is not exposed to laser irradiation as
well as along the right and bottom boundaries. The
convective ﬂux boundary conditions apply normal to the
surfaces and have the form qc ¼ a T T1ð Þ, where
a ¼ 350 W/m2/K is the convection coeﬃcient and
T1 ¼ 298 K (25 °C) is the ambient (room) temperature,
also set as the initial temperature in the sample. Advan-
tage is taken of the vertical symmetry plane, indicated in
Figure 5.The dimensions of themodel arew ¼ 50mmand
h ¼ 1:263 mm, as for the real specimen.
The thermal model is solved in a 2D ﬁnite element
setting and the temperature evolution at the points A–C
in Figure 5 is traced throughout the solution. These
points correspond to the locations of the thermocouples
which were used during the experiments. Figure 6(a)
shows the temperatures at the three points as obtained
in the simulation (solid lines) compared to the temper-
atures registered during the experiment (symbols). It can
be noted that the temperature rises rapidly during the
initial laser irradiation, and a sharp peak occurs at the
point in time when the laser is switched oﬀ (after
9 seconds) and the specimen is allowed to cool.
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Fig. 3—Variation of the average grain size across the laser irradiated
zone.
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Fig. 4—(a) Map of the Vickers hardness, measured by microindentation, over the specimen surface in a region surrounding the laser beam cen-
ter. (b) Hardness variation along a line through the laser center.
Considering Figures 3 and 4, it is seen that the most
signiﬁcant inﬂuence of the laser annealing is found
within a region of 4 mm from the laser center, in the
present case. Three locations in the macroscopic spec-
imen are considered for the microstructure simulations,
indicated by the microstructure representative volume
elements (RVEs) shown in Figure 5. The RVEs are
located along the mid-section of the workpiece at the
distances r ¼ 0, r ¼ 2 mm, and r ¼ 4 mm from the laser
beam center, respectively (measured to the left edges of
the RVEs). Each RVE has the dimensions 800 9 200
μm2. Using diﬀerent locations allows investigation of the
inﬂuence of the severity of the thermal gradient and to
obtain the annealed microstructure at diﬀerent distances
away from the laser center.
Due to the limited thickness of the specimen, there are
only very small variations in the temperature distribu-
tion along the normal direction (ND), cf. Figure 5.
Neglecting these small variations, the microstructure
RVEs are assumed to be subject to temperature gradi-
ents along the RD direction only. Further, as the RVEs
are of very small dimensions, this temperature variation
can be assumed to be linear without any appreciable loss
of precision. Hence, it is suﬃcient to record the
temperature history at the left and right edges of the
individual microstructure RVEs during the thermal
simulation, and subsequently use each of these pairs of
time-varying data to obtain the temperature at any point
in each of the RVEs through linear interpolation at any
time during the annealing process. The temperatures
from the thermal model at the left and right edges of the
individual RVEs are shown in Figure 6(b). It can be
noted that the maximum temperature variation across
any of the RVEs occurs at the end of the irradiation
phase, just as the laser is switched oﬀ and the cooling
phase begins.
IV. LEVEL SET MODELING OF
RECRYSTALLIZATION AND GRAIN GROWTH
A level set approach is taken to modeling of the
microstructure evolution and advantage is taken of the
framework previously established in References 31 and
33. The main features of the level set formulation are
summarized here for completeness and in order to
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Fig. 5—Schematic illustration of the 2D thermal model of the laser annealing process (not drawn to scale). Points A–C correspond to the place-
ment of thermocouples during the experiments. Note that advantage is taken of symmetry along the left boundary, where r ¼ 0.
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Fig. 6—(a) Temperature history at the points A–C, shown in Fig. 5. The solid lines show the simulated temperature evolution and the symbols
are values measured during the experiments. (b) Temperature variation at the left and right edges, indicated by solid and dashed lines, respec-
tively, of the microstructure RVEs, cf. Fig. 5.
identify quantities that are central to the present study.
For additional details on the level set formulation and the
numerical implementation, please refer to Reference 33.
Central to the level set method is the introduction of a
scalar ﬁeld / x; tð Þ, i.e.. the level set function, deﬁned
throughout the computational domain X. Here, x and t
were introduced to denote the spatial coordinates and
the time, respectively. The zero contour, where / ¼ 0,
represents the spatial discontinuity Γ which in the
present physical settings traces the location of a grain
boundary in the microstructure. The function / is taken
to be a distance function, meaning that the value of / at
a certain point x corresponds to the closest distance
d x; t;Cð Þ between the point and the interface at the
current time. In addition, a sign convention is respected
whereby / is deﬁned to be positive inside the domain
delimited by the interface, zero at the interface, and
negative elsewhere. These preliminaries can be stated as
/ðx; tÞ ¼ d x; t;Cð Þ; x 2 X
C ¼ x 2 X;/ðxÞ ¼ 0f g:

½3
Since / x; tð Þ is deﬁned as a signed distance function, it
holds that
kr/ðx; tÞk ¼ 1; x 2 X: ½4
The local interface normal n and curvature j can be
evaluated directly from the level set function by con-
sidering
n ¼ r/kr/k  r/;
j ¼ rn  r r/kr/k
 
 r2/
8>><
>: ½5
where the last equalities hold as long as the property
kr/k ¼ 1 is valid. During the numerical solution
procedure, the level sets may occasionally overlap at
interfaces or separate to create artiﬁcial voids. This
requires a level set interaction correction to be per-
formed. In addition, there is sometimes a tendency for
the level sets to drift from being proper distance
functions. Adopting the standard approach, the latter
issue is in the present work remedied by performing a
reinitialization of the level set functions in each time
step, whereby kr/k ¼ 1 is ensured. Level set interaction
correction and reinitialization are in the present imple-
mentation performed as described in Reference 33.
Next, diﬀerentiation of Eq. [3] with respect to time
provides the evolution law for the interface as
@/
@t
þ r/ð Þ @x
@t
¼ 0: ½6
To generalize the result in Eq. [6] to situations with an
arbitrary number of interfaces, a total number of N/
level set functions are employed, allowing Eq. [6] to be
stated as
@/i
@t
þ vTr/i ¼ 0;
/iðt ¼ 0; xÞ ¼ /0i ðxÞ;
8<
: 8i 2 f1:::N/g ; ½7
where v ¼ vnn was introduced to denote the local
interface velocity vector with magnitude vn. In addition,
/0i ðxÞ represents the initial positions of the individual
interfaces at time t ¼ 0.
A. Level Sets Applied to Recrystallization Modeling
Cold working of metallic materials increases the
stored energy, most signiﬁcantly through an increased
dislocation density in the crystal structures. The raised
internal energy leaves the material in a thermodynamic
non-equilibrium state and recrystallization is one of the
main mechanisms to reduce the stored energy. Recrys-
tallized grains may grow by migration of high-angle
grain boundaries to consume the high-energy cold
worked matrix material and the local grain boundary
velocity v can be written as
v ¼ mpn ; ½8
where m is the boundary mobility and p is the driving
pressure acting on the grain boundary.[44] This driving
pressure may be due to a number of diﬀerent factors
but the two main components are
pq ¼ s½½q
pc ¼ jc
; ½9
where pq is due to a dislocation density jump ½½q
across the interface, with the dislocation line tension
given by s ¼ lb2=2. The magnitude of the Burgers vec-
tor and the shear modulus are denoted by b and μ,
respectively. In addition, γ is due to the curvature of
the boundary and the grain boundary energy γ. The
total driving pressure acting on a grain boundary can
be stated as
p ¼ pq þ pc: ½10
Working in the level set framework outlined in Sec-
tion IV, the local grain boundary velocity in Eq. [8]
can be written as
v ¼ vq þ vc ; ½11
where the following quantities were introduced:
vq ¼ vqn; vq ¼ ms½½q
vc ¼ vcjn; vc ¼ mc:
½12
Noting that the interface normal n and the interface
curvature j can be obtained directly from the level set
formulation according to Eq. [5], the velocity compo-
nents in Eq. [12] can be employed together with
Eq. [7] to obtain
@/i
@t
þ vTqr/i þ vcr2/i ¼ 0;
/iðx; t ¼ 0Þ ¼ /0i ðxÞ;
8<
: 8i 2 f1:::N/g: ½13
The transient advection/diﬀusion equation in Eq. [13]
constitutes the level set formulation which is solved in a
ﬁnite element setting in the present study. The convec-
tive velocity ﬁeld vq is evaluated according to the
method introduced in Reference 32 in order to ensure a
continuous velocity ﬁeld. The adopted treatment of the
convective velocity is also further discussed in Refer-
ence 33.
B. Nucleation
The two fundamental aspects of microstructure trans-
formation through recrystallization are nucleation and
subsequent growth of new grains. As primary static
recrystallization is under consideration here, nucleation
can be expected to be a process of discontinuous
subgrain growth.[45–47]
A successful nucleation event requires the local
microstructure conditions to satisfy both a kinetic
criterion, whereby suﬃciently mobile grain boundaries
should be formed by the nucleation, and a thermody-
namic criterion, according to which enough stored
energy (dislocation density) diﬀerence must be present
across the interface to exert a positive drag force.
Microstructure sites which satisfy these conditions are
primarily found along grain boundaries but also, with
lesser probability, in grain interiors at larger particle
inclusions and along shear bands.[44] Since subgrain
structures are not spatially resolved in the present model
formulation, it is assumed that the necessary dislocation
substructures are present after the initial cold working,
as indeed indicated in Reference 48, and that grain
boundaries are the most likely nucleation sites, as noted
for IF steel in, e.g., References 10 and 18.
In the present model, nucleation is modeled as site
saturated. By this approach, a number of nuclei are
distributed in the microstructure at the onset of the
simulation. The number of nuclei is chosen to mimic the
recrystallization behavior observed in the experimental
results. Nucleation is in the present model assumed to
take place at sites along the grain boundaries and the
nuclei are randomly placed at such locations. In
addition, diﬀerent assumptions on nucleation in one or
both of the α- and γ-ﬁbers will be considered. This is
further discussed in Section V.
Similar approaches to modeling of the nucleation
phase as adopted here are also used in the cellular
automata model of static recrystallization in IF steel in
Reference 14 and in the Monte Carlo Potts models in
References 24 and 25. Site-saturated nucleation of
primary static recrystallization is also adopted in the
Monte Carlo Potts models in References 49 and 50. The
details on modeling the nucleation event in a ﬁnite
element-based level set formulation are provided in
Reference 33.
New recrystallization nuclei are added in the present
model by identifying a nodal point in the ﬁnite element
mesh where the nucleation criteria are met and subse-
quently adding a circular contour, i.e., a new level set
function, centered around that node. The radius of the
new zero contour corresponds to the radial size of the
nucleus. Being strain-free, new recrystallization nuclei
will be added with zero initial dislocation density.
The present model is formulated in such a way that
the nature of the nucleation event can be controlled in
terms of orientation and regarding where the nucleation
is allowed to take place. This means, for example, that
nucleation can be controlled to take place in either or
both of the populations of α- and γ-ﬁber grains.
Diﬀerent combinations of these nucleation conditions
are investigated in the numerical simulations in
Section V.
C. Variation of Properties with Misorientation and
Temperature
The orientation of each grain is deﬁned by the three
Euler angles u1, U; and u2 (following the Bunge
convention), whereby the rotation matrix for each grain
can be stated as g u1;U;u2ð Þ. The misorientation
between two crystals with orientations gi and gj is
found as Dgij ¼ gjgTi , providing the misorientation as
the rotation which rotates one crystal reference frame
into that of another crystal. Considering crystal sym-
metries, the minimum misorientation is evaluated from
h ¼ min
Os2Gc
acos
1
2
tr OsDgð Þ  1f g
 
 ½14
where the indices i and j were dropped for convenience
and where Os is one of the 24 operators in the cubic
symmetry group Gc. The absolute value j j is taken in
Eq. [14] to reﬂect that a negative angle simply indicates
that the rotation axis points in the opposite direction. In
Eq. [14], trðÞ denotes the trace of a tensor.
The grain boundary energy is in the present model
allowed to vary with the local grain boundary misorien-
tation according to the classical Read–Shockley relation:
c hð Þ ¼ cm
h
hm
1 ln h
hm
  
if h<hm
cm if h  hm
8<
: ; ½15
where hm ¼ 15deg is the angle that diﬀerentiates
between low- and high-angle boundaries and cm is the
energy of general high-angle grain boundaries. The
misorientation dependence of the grain boundary energy
is shown in Figure 7(a) (blue line). Parameters related to
the grain boundary properties are provided in Table I.
Migration of misoriented grain boundaries can be
viewed as a thermally activated process and the tem-
perature dependence of the grain boundary mobility is
given by
mT Tð Þ ¼ b
2Dgb
kBT
where Dgb ¼ D0 exp  Qm
kBT
 
;
½16
where kB is the Boltzmann constant and Dgb is the grain
boundary diﬀusivity with D0 and Qm being the diﬀusion
coeﬃcient and the activation energy for grain boundary
migration, respectively. The resulting temperature
dependence of the grain boundary mobility is shown
in Figure 7(b) (red line). The mobility can be seen to be
signiﬁcantly increased for temperatures above approx-
imately 850 K (577 °C), i.e., at temperatures which are
reached locally in the material during the present laser
annealing, cf. Figure 6.
The mobility of low-angle boundaries, having h  hm,
is generally much lower than that of high-angle bound-
aries. Following Reference 46, a misorientation depen-
dence mh of the mobility can be added to Eq. [16] to
provide
m T; hð Þ ¼ mT Tð Þmh hð Þ where
h hð Þ ¼ 1 exp 5 hhm
 4 !" #
:
½17
The misorientation dependence of the grain boundary
mobility is illustrated in Figure 7(a) (red line).
Also the shear modulus, appearing in the dislocation
line tension in Eq. [9], has a temperature dependence
which needs to be taken into account as it inﬂuences the
stored energy driving force for grain growth. The
temperature dependence of the shear modulus for α-Fe
is stated in Reference 52 as
lðTÞ ¼ 69:2 109 1 1:31T 300
Tm
 
Pa ; ½18
where Tm ¼ 1810 K (1537 °C) is the melting tempera-
ture. The format in Eq. [18] is adopted here and the
variation of the shear modulus with temperature is
shown in Figure 7(b) (blue line).
D. Efﬁcient Handling of Local Grain Boundary Properties
in a Level Set Framework
As grain boundary energy and mobility are local
quantities, they have to be evaluated along each
interface in the polycrystal. In addition, during grain
growth, an individual grain may become adjacent to any
other grain. As each of the grain boundary interfaces
may comprise hundreds of grain boundary segments,
depending on the degree of mesh reﬁnement, and if the
evaluation is done in every time step of the simulation,
the computational eﬀort in considering Eqs. [14], [15],
and mh in [17] may be signiﬁcant. It can also be noted
that evaluation of Eq. [14] involves a minimization
wherein several symmetry rotations have to be com-
pared, and the eﬀort depends on the order of crystal
symmetry. However, as the anisotropy of the local grain
boundary properties is presently described by misorien-
tation only, without any inﬂuence of the local orienta-
tion of the grain boundary plane, computational
eﬃciency can be greatly improved by precomputing
the possible values of γ and mh which can occur in the
polycrystal. Such a precomputed look-up table is estab-
lished as a N/-by-N/ interface property matrix Ah where
the elements above the diagonal contain the interface
energy cij and the subdiagonal elements contain the
misorientation dependence of the interface mobility mh;ij
for the grain boundary separating grains i ¼ 1; . . . ;N/
and j ¼ 1; . . . ;N/. This storage format is illustrated in
Figure 8. It can be noted that the index ij may be
switched arbitrarily, i.e., ðÞij ¼ ðÞji. As site-saturated
nucleation is considered, all crystal orientations are
present from the start and the interface property matrix
Ah can be conveniently established as a preprocessing
step with a one-time computational cost. Should subse-
quent nucleation or grain removal be required, as
encountered in dynamic recrystallization, the only
added expense is addition and/or removal of singular
rows and columns in the matrix. To further optimize
memory usage, the diagonal terms of the matrix in
Figure 8 can be used to store some other scalar property
of the individual grains, such as dislocation density.
V. NUMERICAL SIMULATIONS
The model used in the numerical simulations mea-
sures 800 9 200 μm2 and is shown in Figure 9. The
initial model grain structure—comprising 130 grains—
was generated by Voronoi tessellation on a square
domain which was then compressed along the vertical
direction. Diﬀerent Voronoi tessellations were tested in
order to achieve a grain structure which after compres-
sion was representative for the actual cold rolled
material as observed in the experiments, cf. Section II.
The microstructure is discretized using triangular ele-
ments with linear interpolation and the mesh is updated
in each solution step through Delaunay triangulariza-
tion in order to maintain a high resolution of the grain
boundary network. The element size along grain bound-
aries is controlled by a prescribed maximum element size
and a typical mesh is shown in Figure 9. The material
parameters used in the level set model are collected in
Table I. Following the observations made during the
experiments, as discussed in Sections I and II, the initial
rolling texture is dominated by the α- and γ-ﬁbers, with a
higher presence of the former. This is in agreement with
other experimental studies on rolled IF steel, such as
Reference 9. As the α- and γ-ﬁbers are clearly statisti-
cally dominant, the grains in the model microstructure
will belong to either of these two populations. To mimic
the initially stronger presence of the α-ﬁber, the texture
prior to laser annealing is assumed to consist of 60 pct α-
ﬁber and 40 pct γ-ﬁber. The texture is deﬁned by
assigning Euler angles from the appropriate texture
distributions with a 5 deg random Gaussian spread
around the ideal orientation to the individual grains,
providing the initial texture shown in the orientation
distribution map in Figure 10(a). The initial texture is
also indicated in Figure 9, where α-grains are white and
γ-grains are gray. In addition, high-angle grain bound-
aries—being boundaries with a misorientation greater
than 15 deg—are indicated by thicker lines in Figure 9.
The stored energy in 80 pct cold rolled IF steel is
measured by neutron diﬀraction in Reference 53. It is
found that, apart from at singular orientations, the γ-
ﬁber generally has a higher stored energy content
compared to the α-ﬁber. Attempts to predict the
orientation dependence of the stored energy by means
of micromechanical models in Reference 54 show that
diﬀerent results may be found depending on how the
mechanical interaction between grains is treated, but a
limited inﬂuence on the hardening law is obtained.
Orientation dependence of the stored energy in low-
carbon steel, for diﬀerent rolling deformation levels and
measured by X-ray diﬀraction, has been shown in
Reference 55. The stored energy levels in IF steel
following 75 pct cold rolling are also estimated in
Reference 14 and, again, the γ-ﬁber is found to have a
higher stored energy than the α-ﬁber. The same obser-
vation is made in References 56 and 57. Based on these
studies, grains belonging to the α-ﬁber are given a
dislocation density of 1 9 1015 m-2, while a value of 2 9
1015 m-2 is assumed for the γ-grains in the present work.
The stored energy is assumed to be homogeneous in
each grain of the α- and γ-ﬁbers and in the nuclei,
respectively. A higher stored energy in the γ-ﬁber and a
homogeneous stored energy distribution in the grains
are also considered in the Monte Carlo Potts model of
IF steel in Reference 24 and in the cellular automata
model in Reference 14. In Reference 33, it is shown how
stored energy gradients can be considered in a level set
framework, but this is beyond the scope of the present
study. Further, recovery is not considered here as the
processing time is very short, only a few seconds.
Considerably longer time spans are required for recov-
ery to be of any signiﬁcance during annealing of IF
steel.[56] In passing, it can also be noted that crystal
plasticity ﬁnite element modeling can be employed to
simulate the rolling process and provide an estimate of
the stored energy distributions, as discussed in Refer-
ence 58 related to IF steel.
Turning to the nucleation, it is widely accepted in the
literature that recrystallization during annealing of IF
steel primarily nucleates along boundaries of grains in
the γ-ﬁber after subgrain coarsening.[15] The nuclei are
also found to most frequently have their orientations in
the same ﬁber as the parent grain. Similar observations
are also made in Reference 59, studying the development
of recrystallization textures in pure iron, where recrys-
tallization is found to occur by subgrain growth and
grain boundary nucleation with nuclei having approx-
imately 30 deg misorientation with respect to the parent
crystals. Regarding IF steel, the study in Reference 17
indicates preferential nucleation of γ-ﬁber grains with a
30 deg misorientation around the h111i//ND axis. In
Reference 20, it is noted that nucleation in rolled IF
steel, being of BCC structure, is most frequent in the γ-
ﬁber which has a higher stored energy than the α-ﬁber.
This is in contrast to most FCC-structured crystals
where nucleation rather occurs in texture components
with a low stored energy content. Grain boundary
nucleation and a dominating nucleation of the γ-ﬁber
are also observed in Reference 60.
Adopting an approach from studies on FCC materi-
als, the concept of “nucleation factors” is employed in
studies on IF steel and low-carbon steel in References 9
and 40. A nucleation factor Ni is deﬁned as the number
of recrystallized grains of ﬁber i (α or γ) per deformation
band in the rolled microstructure, observed along ND.
This is presented as a measure of the ability of bands of i
type to nucleate. Regarding IF steel, the study in
Reference 9 presents nucleation factors in the order of
0.1 and 0.8 for α- and γ-nucleation, respectively, for
Table I. Material Parameters Used in the Numerical Simulations, Representative for IF Steel
Parameter Value Description Source
b 2.480 Å magnitude of the Burgers vector 51
μ 69.2 GPa shear modulus 14
μ 2:66 1019 J activation energy for grain boundary migration 51
D0 0:89 104 m2/s grain boundary mobility coefficient 51
cm 0.79 J/m
2 energy of high-angle grain boundaries 14
Tm 1810 K (1537 °C) melting temperature 51
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Fig. 7—(a) Misorientation dependence of the grain boundary mobility and energy, where small-angle boundaries are deﬁned as those having a
misorientation h  hm ¼ 15deg. (b) Temperature dependence of the mobility mT for high-angle grain boundaries and for the shear modulus,
respectively.
annealing at temperatures of relevance here. These
numbers are in the present study adopted as nucleation
probabilities for each ﬁber.
As discussed in Section IV–B, diﬀerent nucleation and
growth conditions will be considered in the simulations,
guided by the aforementioned observations. The diﬀer-
ent simulation scenarios are summarized in Table II. In
case 3, the temperature dependence of the grain bound-
ary mobility is kept, while the misorientation dependence
of both grain boundary mobility and energy is switched
oﬀ. In all cases, the initial size of the nuclei is set to 1 μm,
in agreement with the subgrain sizes observed in
deformed IF steel in References 8, 18 and 61.
Considering site-saturated nucleation, a prescribed
number of nuclei are distributed in the microstructure
when initializing the simulations as discussed in Sec-
tion IV–B. Beginning with nucleation according to
case 1, cf. Table II, all possible nucleation sites—i.e.,
all nodes of the elements containing a grain boundary of
a γ-grain—are identiﬁed. Next a number of these
possible nucleation nodes are picked randomly, corre-
sponding to the number of nuclei to be placed. In a third
step, the nuclei are distributed among these randomly
picked sites. When both α- and γ-nucleation are consid-
ered (cases 2 and 3 in Table II), an additional selection
step is needed. The nodes of all elements containing the
boundaries of both α- and γ-grains are ﬁrst identiﬁed.
But when subsequently distributing the nuclei, the ﬁber
of the individual nucleation site candidates is identiﬁed,
after which a random number in the interval [0, 1] is
generated and compared to the nucleation probability
for that ﬁber (0.1 for α and 0.8 for γ). If the random
number is less than the nucleation probability, a nucleus
is placed at the site, otherwise the site is discarded.
The number of nuclei to place is determined based on
estimates of the number of grains and the grain sizes
observed in the experiments, for example in Figure 2.
The number of nuclei is in this manner controlled to
provide annealing microstructure morphologies which
correspond to those obtained in the experiments. In the
present simulations, 670 new nuclei are seeded in each
RVE. Obviously, only those nuclei which have adequate
local driving forces will continue to grow as new grains.
Starting with 130 cold rolled grains, each RVE will thus
comprise 800 grains/nuclei. Some diﬀerent RVE sizes
were investigated but it was found that the relative
presence of diﬀerent texture ﬁbers was quite indiﬀerent
to the choice of RVE size. As the relative stability,
rather than the absolute presence, of each of the two α-
and γ-ﬁbers is under investigation, the adopted grain
count and RVE size are assumed suﬃcient.
VI. RESULTS AND DISCUSSION
Beginning with the microstructure morphology,
Figure 11 shows the appearance of the microstructure
in each of the RVEs at the end of the annealing period
(35 s), after which the specimen temperature is almost
down to its initial value, as shown in Figure 6, and the
microstructure has reached a quasi-static state. The
results in Figure 11 are found when case 2 in Table II is
considered and the results are similar for the other cases.
By comparing the RVE microstructures in Figure 11
with the optical microscope image in Figure 1, the same
type of gradient in grain size and grain structure can be
seen to have developed, with a transition from equiaxed
grains in the annealed region towards a maintained
laminar rolling structure further out.
In RVE 1 (Figure 11(a)), the recrystallized grain
structure is relatively constant throughout the RVE.
This is an indication of the small spatial variation in
temperature in this particular RVE, located directly
Aθ =
γ12 γ13 ...γ1Nφ
m21 γ23 ...γ2Nφ
m31 m32 ...γ3Nφ
...
mNφ1mNφ2 ...
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Fig. 8—Layout of the proposed N/-by-N/ interface property matrix
for precomputed anisotropic grain boundary energy cij and mobility
Mh;ij, related to the grain boundary between crystals i ¼ 1; . . . ;N/
and j ¼ 1; . . . ;N/. The total number of grains present in the poly-
crystal is denoted by N/.
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Fig. 9—Initial grain structure of the microstructure RVEs, with a magniﬁcation of the typical mesh resolution of the grain boundary network.
The initial cold worked microstructure consists of 130 grains. The colors show which texture ﬁber the grains belong to and thicker grain bound-
ary lines indicate high-angle grain boundaries. The dimensions of the RVE are l ¼ 800 μm and h ¼ 200 μm. The diﬀerent locations of the RVE
in the workpiece are shown in Fig. 5.
beneath the laser beam center. The small temperature
variation is also seen in the nearly coinciding temper-
ature graphs for RVE 1 in Figure 6. The gradient
becomes steeper as RVE 2 and RVE 3 are considered,
manifested by a greater variation in the recrystallization
behavior in the rolling direction in Figures 11(b) and (c).
Only a small number of recrystallization nuclei have
started to grow at the high-temperature left end of
RVE 3, which is located at a distance of 4 mm away
from the laser beam centerline. This is in agreement with
the hardness mapping and grain size measurements in
Figures 3 and 4, respectively, showing that the
microstructure is relatively unaﬀected by the laser
annealing in this region.
As anisotropic grain boundary properties are con-
sidered, i.e., when grain boundary energy and mobility
are allowed to depend on the misorientation, the local
grain growth kinetics will vary and grains may exhibit
protrusions and irregularities. Figure 12(a) illustrates
this by showing a region in RVE 1 (case 2) where
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(d) RVE 3, case 2
Fig. 10—(a) Initial orientation distribution used in the numerical model, expressed in the Bunge–Euler angles ðu1;U;u2Þ. The texture is assumed
to consist only of grains belonging to the dominant α- and γ-ﬁbers, as shown in Fig. 9. Figures (b) through (d) show the orientation distribution
after annealing according to case 2, cf. Table II, for the diﬀerent RVEs: (b) RVE 1, (c) RVE 2, and (d) RVE 3. In all cases, the γ-ﬁber is
strengthened at the expense of the α-ﬁber after annealing. The same isolines (intensity levels 2, 4, 6, 8, and 10) are plotted in all ﬁgures.
Table II. Simulation Scenarios Investigated in the Numerical Simulations
Case Nucleation and growth conditions
1 nucleation only of γ-grains. Nuclei get a random orientation from the γ-fiber
2 nucleation of both α- and γ-grains with different probabilities. Nuclei get a random orientation from the parent fiber.
3 nucleation of both α- and γ-grains with different probabilities. Nuclei get a random orientation from the parent fiber.
The misorientation dependence of the grain boundary energy and mobility is switched off (m ¼ mT and c ¼ cm)
recrystallization grains have grown under locally vary-
ing grain boundary conditions. Similar microstructural
features are also observed in the optical microscope
image shown in Figure 12(b), taken from the laser
annealing experiments. Growth of elongated grains and
small grain protrusions is also found, for example, in
the Monte Carlo Potts modeling studied in Reference
62. If isotropic grain boundary properties are assumed,
i.e., m ¼ mT and c ¼ cm (case 3), the grains will grow
with boundaries forming circular arcs, except for where
triple junction inﬂuence strives to maintain the standard
120 deg equilibrium conﬁguration between connecting
grain boundaries. This is illustrated in Figure 12(c),
where a region in RVE 1 (case 3) exhibits approxi-
mately circular grain boundary lines.As shown in
Figure 11(a), the last regions to be consumed by
recrystallization are the cold worked α-grains, consis-
tent with observations made during the laser annealing
experiments and also with the ﬁndings in References 14
and 19. Since the dislocation density is higher in the
(a) RVE1
(b) RVE2
(c) RVE3
α-ﬁber γ-ﬁber
RD
ND
Fig. 11—Microstructure after laser annealing. The ﬁgures show the diﬀerent RVEs indicated in Fig. 5 and located at diﬀerent distances r from
the laser beam centerline. Grains in the α- and γ-ﬁbers are white and gray, respectively, and high-angle grain boundaries are drawn in thicker
lines than low-angle boundaries. (a) RVE 1 (0  r  0:8 mm), (b) RVE 2 (2  r  2:8 mm), and (c) RVE 3 (4  r  4:8 mm).
(a) (b) (c)
Fig. 12—(a) Irregular protrusions of the grain boundaries, indicated by the arrows, as seen in a simulated microstructure when anisotropic grain
boundary properties are considered (RVE 1, case 2). (b) Similar grain features observed by optical microscopy. (c) Grain boundaries without
irregularities in the case of isotropic grain boundary properties (RVE 1, case 3).
γ-ﬁber, the growth rates are higher there compared to
those in α-regions, having a relatively lower dislocation
content.[56] This results in the cold worked γ-ﬁber being
more rapidly transversed by the recrystallization front.
The initial microstructure is assumed to have a dom-
inance of 60 pct α-ﬁber over 40 pct γ-ﬁber, following
observations made in the experiments. This means that
there will be a frequency/size advantage of the α-ﬁber.
However, nucleation is signiﬁcantly more frequent in
the γ-ﬁber, giving this ﬁber a nucleation advantage that
is seen to be critical. The initial texture is shown in the
orientation distribution plot in Figure 10(a). Corre-
spondingly, Figures 10(b) through (d) show the orien-
tation distribution in the diﬀerent RVEs after
annealing, assuming case 2 as deﬁned in Table II. It
can be noted that the γ-ﬁber is strengthened in all
RVEs, while the α-ﬁber at the same time is weakened.
This is in agreement with, for example Reference 17,
where annealing is found to nearly annihilate the α-ﬁber
entirely, except for at the orientation ðf111gh110iÞ,
which is common to both ﬁbers.
Another view of the evolution of the texture ﬁbers is
provided in Figure 13, showing the area fractions of the
α- and γ-ﬁbers throughout the annealing process in all
RVEs and for all simulation cases. Initially, the α-ﬁber
increases while the γ-ﬁber decreases. This occurs during
the heating phase of the annealing process as the
deformed grain boundaries in the cold worked
microstructure become increasingly mobile and since
the α-ﬁber has a growth advantage over the γ-ﬁber due
to a lower stored energy. But as suﬃcient temperature
levels are reached, the nuclei attain suﬃcient grain
boundary mobility to expand, which occurs very rapidly
under a strong stored energy driving force. The tendency
in the evolution of the ﬁber area fractions is now
reversed in RVE 1 and RVE 2—Figures 13(a) and (b)—
as growing γ-nuclei consume the α-ﬁber. If recrystalliza-
tion would be complete, the α-ﬁber in RVE 1 would be
entirely annihilated. However, while the temperature is
suﬃciently high in RVE 1 to make the γ-ﬁber completely
dominant, the duration of the high-temperature peak in
RVE 2 is too short to allow the growing nuclei to
provide dominance to the γ-ﬁber. This is even more
pronounced when considering RVE 3 in Figure 13(c),
where the α-ﬁber maintains its stronger presence
throughout the entire process. Figure 13 gives a strong
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Fig. 13—Evolution of the area fractions of the α- and γ-ﬁbers in the diﬀerent RVEs during laser annealing. The line styles indicate the diﬀerent
cases deﬁned in Table II: case 1 = solid line, case 2 = dashed line, and case 3 = dash-dotted line. (a) RVE 1, (b) RVE 2, and (c) RVE 3.
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Fig. 14—Evolution of the number fractions of grains belonging to the α- and γ-ﬁbers, respectively, in the diﬀerent RVEs during laser annealing.
The line styles indicate the diﬀerent cases deﬁned in Table II: case 1=solid line, case 2=dashed line, and case 3=dash-dotted line. (a) RVE 1,
(b) RVE 2, and (c) RVE 3.
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Fig. 15—(a) Recrystallized area fraction vs time for the diﬀerent simulation scenarios. The line color indicates the RVE and the line type which
case, cf. Table II. (b) Length-weighted fraction of high-angle grain boundaries (HAGB) at the end of the diﬀerent annealing scenarios.
indication that the ﬁnal annealing texture will depend
greatly on which region in the annealing zone one
chooses to observe.Considering the orientation distri-
bution functions (ODFs) shown in Figure 10, the
strength of the γ-ﬁber is apparently increased in all
three simulation cases. But the ODFs are based on the
ﬁber presence in orientation space and not in terms of
area fraction as in Figure 13. Hence, even very small γ-
grains will make a contribution towards a more pro-
nounced γ-ﬁber in the ODFs, while the area fractions in
Figure 13 will not show any appreciable strengthening
of the γ-ﬁber. This point is further illustrated in
Figure 14, showing the number fraction of grains
belonging to each texture ﬁber. Comparing Figures 13
and 14, it can, for example, be observed that the area
fraction of γ-grains may be lower than the area fraction
of α-grains, while the opposite relation holds for the
number fractions. It can also be noted, in both
Figures 13 and 14, that the most signiﬁcant changes
take place at a time of 9 seconds, when the peak
temperature is reached and the laser is switched oﬀ.
As noted in the introduction, a strong presence of the
γ-ﬁber is related to a signiﬁcantly enhanced ductility in
the material. This property will also vary according to
the observations made here.
It can be noted that the stored energy in the grains
will vary depending on the crystal orientations, often
explained in terms of the Taylor factor. A lower stored
energy content will be found in the α-ﬁber compared to
the γ-ﬁber, cf.[56] This means that the dislocation
substructures necessary for nucleation of new grains
are more likely to be found in grains with orientations in
the γ-ﬁber. This provides a partial explanation for the
preferential growth of the γ-ﬁber, as discussed in
References 44, 59 and 63. Another factor to inﬂuence
the growth kinetics is the availability of grain bound-
aries with high mobility, generally being high-angle
boundaries. This is also seen to work in favor of the γ-
ﬁber, as noted in Reference 23. In the presence of strong
stored energy driving forces, it is, however, expected that
the variations in grain boundary mobility will only have
a minor inﬂuence on the selective growth behavior
compared to the stored energy.[20,64]
The progress of recrystallization is shown in Figure 15
(a) in terms of the recrystallized area fraction as a
function of time. Again, all RVEs and all simulation
cases are shown. It can be seen that the particular case
being adopted has a relatively small impact on the
recrystallization kinetics (the slope of the curve), but a
larger inﬂuence on the ﬁnal recrystallized area fraction.
Only considering nucleation of the γ-ﬁber is seen to
slightly overestimate the recrystallized fraction com-
pared to case 2 in which nucleation of both ﬁbers is
accounted for. But most signiﬁcantly, if anisotropy of
the grain boundary properties is not accounted for
(case 3), the recrystallized fraction—and hence also the
presence of the γ-ﬁber—is overestimated by approxi-
mately 6 pct. As noted previously, the temperatures
reached in RVE 3, cf. Figure 15(c), are insuﬃcient to
provide the grain boundary mobility required for any
signiﬁcant recrystallization to take place.
Figure 15 shows the length-weighted fractions of
high-angle grain boundaries (HAGB)—taken to be
those boundaries having a misorientation greater than
15 deg—in the microstructure before and after laser
annealing. The variations are small, but it can be noted
that the fraction of HAGB increases slightly in both
RVE 1 and RVE 3, while a minor decrease in the HAGB
fraction is seen in RVE 2 for all cases considered. In
RVE 1, a randomization of the grain boundary texture
has taken place due to the almost complete recrystal-
lization and in RVE 3 the initial grain boundary
network is nearly intact with the exception of a few
slightly expanded nuclei. In RVE 2, most of the γ-ﬁber
has been recrystallized, leaving mainly low-angle bound-
aries in the remaining α-ﬁber. These diﬀerent situations
are also shown in Figure 11, where HAGB are drawn
with thicker lines compared to LAGB.
VII. CONCLUDING REMARKS
Laser annealing has been found to be a technique that
holds much potential for manufacturing of functionally
graded metal components, and the proposed modeling
approach provides a tool for optimizing the process by
linking processing conditions to microstructure evolu-
tion. The simulations are performed in a ﬁnite element-
based level set framework and account for anisotropic, i.
e., misorientation-dependent, grain boundary properties
in terms of energy and mobility. The strong variation of
mobility with temperature is also considered. In addi-
tion, the model considers the development of recrystal-
lization texture due to nucleation and grain growth in
the presence of stored energy driving forces and a
transient thermal gradient caused by the local laser
irradiation. As such, the model incorporates the central
aspects of the microstructure development during laser
annealing and the simulation results are found to agree
well with experimental observations.
The numerical simulation model is used to investigate
a number of phenomena which are active in the
microstructure during laser annealing. In particular,
the inﬂuence of diﬀerent nucleation and growth condi-
tions on the evolution of the grain structure and of the
typical two-ﬁber recrystallization texture is studied.
It is found that the initial dominance of the α-ﬁber is
at ﬁrst emphasized as the boundaries of the cold worked
grains become increasingly mobile with increasing
temperature. This tendency is driven by a higher stored
energy content in the γ-ﬁber. At locations in the
annealing zone where the temperature is suﬃcient,
expanding recrystallization nuclei will reverse the trend
and gradually consume the α-ﬁber as recrystallization
progresses. In regions of lower temperature, however,
the α-ﬁber will maintain and even increase its domi-
nance. The γ-ﬁber is desirable as it increases the
formability of the material, and the extent of the γ-
dominated zone that develops for certain laser process
settings can be estimated by numerical simulations as
the ones performed here. This was shown by comparing
the simulation results with measurements of the varia-
tions of hardness and grain size across the annealing
zone.
Plots of the orientation distributions show that the
simulations capture the growth of the γ-ﬁber at the
expense of the α-ﬁber. This is, however, not a general
trend but depends on where in the thermal gradient the
observation is made.
Selective growth is in the present model included by
considering the misorientation dependence of grain
boundary energy and mobility, meaning that the aniso-
tropy is characterized by three parameters (the Euler
angles) only. Although a full description of the grain
boundary characteristics requires a ﬁve-parameter for-
mulation (three Euler angles plus two parameters to
describe the inclination of the grain boundary plane), the
present model should be suﬃcient to provide an indica-
tion of the inﬂuence of anisotropic grain boundary
properties, as noted in, for example, References 65
through 68. The anisotropic grain boundary properties
are found to have a relatively limited inﬂuence on the
recrystallization kinetics. In contrast, the ﬁnal recrystal-
lized fraction will be clearly overestimated if the misori-
entation dependence is neglected. In addition, without
anisotropic grain boundary properties, the nuclei will
expand with approximately circular grain boundary
fronts, while the local grain boundary irregularities
observed in experiments require anisotropic grain bound-
ary conditions to be considered. It can also be noted that a
heterogeneous stored energy distribution within individ-
ual grains can be expected to exert additional inﬂuence on
the morphology of expanding grains. This has, however,
not been considered in the present study as a homoge-
neous stored energy has been assumed in each grain.
In the present simulations, stored energy driving forces
are essential for growth of the recrystallization nuclei.
The ﬁber in which the nucleation takes place is also seen
to be a highly inﬂuential factor. Although the α-ﬁber has
a frequency advantage initially, the nucleation advantage
of the γ-ﬁber, having a higher stored energy, promotes
recrystallization to primarily consume the cold worked γ-
ﬁber and leave the α-ﬁber to be recrystallized last. These
observations are in agreement with the experimental data
and with observations found in the literature.
In Reference 36, the nucleation mechanism is in
general found to be more inﬂuential than the growth
mechanism in determining the recrystallization
microstructure. This is, however, further complicated
in the case of local laser annealing as microstructure
evolution takes place in a signiﬁcant and transient
thermal gradient. Thereby, growth conditions in terms
of a temperature-dependent grain boundary mobility
come to play a much more central role than what is
expected in the isothermal case.
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